Introduction
Laminated metal composites are a unique form of composite in which alternating metals or metal-containing layers are bonded together [1] . Currently, there is a great interest in metal-intermetallic laminate (MIL) composites, because MIL composites have the potential to combine various functions, which may be of use for high-temperature structural applications such as heat exchangers, which require appropriate thermal management [1, 2] . In the fabrication of these composites, high strength intermetallic reinforcement is used, while its low toughness is compensated for by the soft matrix.
Previous reports [1, [3] [4] [5] [6] [7] [8] [9] have revealed that these materials can be produced by various manufacturing techniques, which can be categorized in the two main groups of deposition and bonding. Deposition techniques such as electrodeposition, evaporation, and sputtering involve atomic scale transport of the component materials. As-received MIL composites of this category conventionally exhibit nanostructures with extremely high strength. Deposition techniques require expensive equipment and complex processes, and thus they are slow and costly. This makes them difficult to be up-scaled to large, commercially viable production facilities. Bonding processes like Producing the initial sandwich requires the preparation of the surfaces of Al and Ni strips. Contaminations of greases, oxide films, moisture, and dust particles must be removed from the joined surfaces in order to produce clean surfaces. An acetone bath was employed to this purpose. After that, the clean surfaces were scratch brushed parallel to the rolling direction (RD) using a stainless steel brush with the wire diameter of 0.3 mm and a wire length of 60 mm. The brushed surfaces, due to increased roughness and removal of contamination, facilitate the cold joining during roll bonding. The roughness values of R a were measured using surface roughness tester type Mitutoyo SJ-210 (Mitutoyo, Sakado, Japan) which were 3.9 µm for Ni and 3.5 µm for Al strips along the rolling direction. It is necessary to sandwich-roll the sheets immediately after brushing without touching the surfaces, in order to avoid oxide film formation and other disturbing factors. In this work, it was found that the allowed time interval between surface preparation and rolling should be less than 150 s.
According to the sketch in Figure 1 , an initial sandwich with the dimensions of 100 (L//Rolling direction RD) × 74 (W//Transverse Direction TD) × 5 (T) mm 3 was formed by stacking two 2 mm thick Al sheets separated by a 1 mm thick Ni strip. Both ends of the stacked layers were fastened by steel wires. The sandwich was cold rolled in a rolling mill, with 220 mm diameter rolling cylinders and with 40 tons loading capacity and rolling speed of 300 rpm, without any lubricant.
whereas the Al strips were processed in as-received condition so as to reduce the differences in hardness between the Al and Ni strips. Producing the initial sandwich requires the preparation of the surfaces of Al and Ni strips. Contaminations of greases, oxide films, moisture, and dust particles must be removed from the joined surfaces in order to produce clean surfaces. An acetone bath was employed to this purpose. After that, the clean surfaces were scratch brushed parallel to the rolling direction (RD) using a stainless steel brush with the wire diameter of 0.3 mm and a wire length of 60 mm. The brushed surfaces, due to increased roughness and removal of contamination, facilitate the cold joining during roll bonding. The roughness values of Ra were measured using surface roughness tester type Mitutoyo SJ-210 (Mitutoyo, Sakado, Japan) which were 3.9 μm for Ni and 3.5 μm for Al strips along the rolling direction. It is necessary to sandwich-roll the sheets immediately after brushing without touching the surfaces, in order to avoid oxide film formation and other disturbing factors. In this work, it was found that the allowed time interval between surface preparation and rolling should be less than 150 s.
The CRB process was applied on the sandwich with five different thickness reductions of 50%, 60%, 70%, 80%, and 90% in 1, 2, 3, 4 and 5 passes, respectively, corresponding to respective true strains of 0.8, 1.06, 1.39, 1.86 and 2.66. It was observed that the bonding of stacked layers was not successful with reductions of less than 50%. Corresponding to the applied reductions, the samples were labeled R50, R60, R70, R80, and R90, respectively. Table 2 shows the reductions and corresponding thicknesses of the sandwich in each rolling pass. The CRB process was applied on the sandwich with five different thickness reductions of 50%, 60%, 70%, 80%, and 90% in 1, 2, 3, 4 and 5 passes, respectively, corresponding to respective true strains of 0.8, 1.06, 1.39, 1.86 and 2.66. It was observed that the bonding of stacked layers was not successful with reductions of less than 50%. Corresponding to the applied reductions, the samples were labeled R 50 , R 60 , R 70 , R 80 , and R 90 , respectively. Table 2 shows the reductions and corresponding thicknesses of the sandwich in each rolling pass. After the CRB process, samples had the dimensions of 15 mm (L) × 10 mm (W). These specimens were annealed in a heat treatment furnace at 450 • C for 60 min. To avoid oxidation, samples were covered with alumina powders. In this step, the actual MIL-composites were formed as a result of diffusion processes. The schematic of the entire process (CRB and annealing) is illustrated in Figure 1 .
Cross sections parallel to the RD-ND plane of as-annealed samples were prepared through standard metallography procedures. In order to investigate the microstructural evolution, a Philips XL30 scanning electron microscope (SEM, SEMTech Solutions, Inc., North Billerica, MA, USA) equipped with an energy dispersive spectrometer (EDS, Seron Technologies Inc., Gyeonggi-do, Korea) of type Seron AIS 2300 ® was used in addition to conventional optical microscopy (OM, Olympus Co., Shinjuku-Tokyo, Japan). Phase formation and chemical composition changes across the Al/Ni interfaces were studied by collecting point and line scans. The thickness of the continuous or segmented layers of the intermetallic phase was determined at several points of the formed layers using image analysis software (ImageJ2, ImageJ, 2009).
The composing phases of the MIL-composites were determined by X-ray diffraction (XRD, PANalytical B.V., Almelo, The Netherlands). A Philips X'pert MPD ® diffractometer with Cu-Kα radiation (λ = 0.1542 nm) was used and XRD measurements were carried out at room temperature between 15 • ≤ 2θ ≤ 105 • , whereby X'pert HighScore plus ® post processing software (2.2.2, PANalytical B.V., Almelo, The Netherlands, 2006) was employed to analyze the diffractograms. Figure 2 shows the backscatter contrast images of the Al-Ni laminated composites, which were fabricated by the CRB process with 50%, 60%, 70%, 80%, and 90% reductions and subsequent annealing at 450 • C for 60 min. It can be seen that a new phase has formed at the Al/Ni interface. The micrographs of Figure 2a -e exhibit that the phase formation is affected by the level of strain. As can be observed in Figure 2a ,f, 50% thickness reduction resulted in only some scarce nuclei of the new phase. However, 90% reduction resulted in a complete layer of intermetallic phase(s) (Figure 2e ,j). The nucleation of the new phase at the interface of Al and Ni appears to indicate that a threshold strain for nucleation of approximately 50% reduction is required. Increased rolling reduction involves increased plastic strain, and causes the formation of an interface phase with the morphology of a continuous layer. Higher strain level results in increased defect density, especially sub-boundaries in metals with high stacking fault energy [35] . These high-energy defects are preferred sites for intermetallic phase nucleation, and thus, the nucleation rate increases with the increasing of strain. As a result, the phase nuclei coalesce during growth causing a continuous and homogenous layer after annealing of sample R 90 . Figure 2b ,g show that after 60% reduction (sample R 60 ), the intermetallic layer has grown along the interface and extended to the Al and Ni lattices by atomic cross-interface diffusion. Additional to the higher density of crystallographic defects in sample R 60 , the stronger bond strength reduces the diffusion barrier and hence facilitates nucleation of the new phase much more frequent than in the R 50 sample. Similar observations can be made for samples R 70 , R 80 , R 90 . Pipe diffusion processes and increased bond strength promoted interdiffusion of Al and Ni atoms in R 60 , R 70 , and R 80 , which resulted in the expansion and elongation of the layers. Finally, the merging of individual layer segments has produced a continuous layer in sample R 90 . Figure 2b ,g show that after 60% reduction (sample R60), the intermetallic layer has grown along the interface and extended to the Al and Ni lattices by atomic cross-interface diffusion. Additional to the higher density of crystallographic defects in sample R60, the stronger bond strength reduces the diffusion barrier and hence facilitates nucleation of the new phase much more frequent than in the R50 sample. Similar observations can be made for samples R70, R80, R90. Pipe diffusion processes and increased bond strength promoted interdiffusion of Al and Ni atoms in R60, R70, and R80, which resulted in the expansion and elongation of the layers. Finally, the merging of individual layer segments has produced a continuous layer in sample R90.
Results and Discussion

Microstructure Evolution
The possible occurrence of (partial) recrystallization in the Al and Ni substrates during annealing, may have removed part of the deformation sub-structures and hence may have affected the diffusion mechanisms occurring at the interface. The clarification of the possible effect of recrystallization and grain growth on diffusion processes needs a detailed investigation which has not been addressed in this work. Figure 3 shows the XRD patterns measured on a slightly tilted cross-section of the rolled and annealed composite samples R50 and R90 (cf. Figure 3a) , so that the plane of observation included both Al and Ni layers of the laminated composite. Not a single peak related to the Al-Ni intermetallic phase was identified in the R50 sample, cf. Figure 3b . This is presumably due to the fact that the volume fraction of the intermetallic compound was insufficient, although minute amounts of an intermetallic phase can be observed on the microstructural images (Figure 2a ,f). In sample R90, the peaks of Al, Ni, and Al3Ni phases were well identified, cf. Figure 3c . This intermetallic compound formed as a thin layer of 4.1 μm average thickness at the interface of the Al and the Ni laminates (Figure 2e ).
X-ray Diffraction Patterns
The Ni peaks in R90 were more intense than those in R50, which can be explained in the following manner. In order to better expose the Al/Ni interface to the X-ray radiation, samples were mechanically polished in order to remove some of the Al layer from one side, cf. Figure 3a . This removal of the Al layer in R90 sample was more effective than in the R50 sample.
The XRD results were also confirmed by the EDS elemental analysis. On all samples, the compositional analysis of the intermetallic phase was performed along a line perpendicular to the interface. The results reveal that the elemental composition of the formed layers is identical, and only one kind of Al-Ni intermetallic compound was formed, namely Al3Ni, irrespective of the applied reduction. The possible occurrence of (partial) recrystallization in the Al and Ni substrates during annealing, may have removed part of the deformation sub-structures and hence may have affected the diffusion mechanisms occurring at the interface. The clarification of the possible effect of recrystallization and grain growth on diffusion processes needs a detailed investigation which has not been addressed in this work. Figure 3 shows the XRD patterns measured on a slightly tilted cross-section of the rolled and annealed composite samples R 50 and R 90 (cf. Figure 3a) , so that the plane of observation included both Al and Ni layers of the laminated composite. Not a single peak related to the Al-Ni intermetallic phase was identified in the R 50 sample, cf. Figure 3b . This is presumably due to the fact that the volume fraction of the intermetallic compound was insufficient, although minute amounts of an intermetallic phase can be observed on the microstructural images (Figure 2a ,f). In sample R 90 , the peaks of Al, Ni, and Al 3 Ni phases were well identified, cf. Figure 3c . This intermetallic compound formed as a thin layer of 4.1 µm average thickness at the interface of the Al and the Ni laminates (Figure 2e ).
The Ni peaks in R 90 were more intense than those in R 50 , which can be explained in the following manner. In order to better expose the Al/Ni interface to the X-ray radiation, samples were mechanically polished in order to remove some of the Al layer from one side, cf. Figure 3a . This removal of the Al layer in R 90 sample was more effective than in the R 50 sample.
The XRD results were also confirmed by the EDS elemental analysis. On all samples, the compositional analysis of the intermetallic phase was performed along a line perpendicular to the interface. The results reveal that the elemental composition of the formed layers is identical, and only one kind of Al-Ni intermetallic compound was formed, namely Al 3 Ni, irrespective of the applied reduction. 
Phase Formation Mechanism: Phase Evolution during the Fabrication Process
An optical micrograph of the Al/Ni interface indicates that necking of the Ni layer has occurred in sample R90 after 90% reduction (Figure 4a ). It is assumed that necking is a result of strain localization, which is a natural phenomenon occurring in the microstructure of rolled metals. Strain instabilities, which are very much likely to appear also in multi-layered materials, will give rise to local banding of the microstructure, producing e.g., deformation bands or shear bands, very well documented in single phase materials [31] . The initial roughness at the Al/Ni interface, induced by wire brushing of the sheet surface, may trigger such local irregularities of the strain field and give rise to the observed pattern of Ni necking.
On a somewhat smaller scale the interface exhibits a jagged character (Figure 4b ), which is typical of layers in samples subjected to CRB. These observations confirm that according to the film theory [36] for scratch brushed surfaces, during the CRB process the Al and Ni layers could extrude through a fractured brittle Al2O3 oxide film and through the work-hardened layers. Subsequently, metallic bonded areas are formed, where opposing surfaces meet [37] . Moreover, interdiffusion of Al and Ni may occur, though only over very short distances given the fact that there was no thermal 
An optical micrograph of the Al/Ni interface indicates that necking of the Ni layer has occurred in sample R 90 after 90% reduction (Figure 4a ). It is assumed that necking is a result of strain localization, which is a natural phenomenon occurring in the microstructure of rolled metals. Strain instabilities, which are very much likely to appear also in multi-layered materials, will give rise to local banding of the microstructure, producing e.g., deformation bands or shear bands, very well documented in single phase materials [31] . The initial roughness at the Al/Ni interface, induced by wire brushing of the sheet surface, may trigger such local irregularities of the strain field and give rise to the observed pattern of Ni necking.
On a somewhat smaller scale the interface exhibits a jagged character (Figure 4b ), which is typical of layers in samples subjected to CRB. These observations confirm that according to the film theory [36] for scratch brushed surfaces, during the CRB process the Al and Ni layers could extrude through a fractured brittle Al 2 O 3 oxide film and through the work-hardened layers. Subsequently, metallic bonded areas are formed, where opposing surfaces meet [37] . Moreover, interdiffusion of Al and Ni may occur, though only over very short distances given the fact that there was no thermal activation as CRB was carried out at room temperature. Evidently, the clarification of this concept (i.e., whether or not such intermixed regions exist in the strips on which CRB was conducted or at the first stages of annealing) needs more detailed analysis. It could not be asserted here whether or not any solid solution area of base metals has formed during CRB. However, it has been understood that intermixing of components is a necessary initial process before the occurrence of any phase formation [27] .
Metals 2017, 7, 445 7 of 14 activation as CRB was carried out at room temperature. Evidently, the clarification of this concept (i.e., whether or not such intermixed regions exist in the strips on which CRB was conducted or at the first stages of annealing) needs more detailed analysis. It could not be asserted here whether or not any solid solution area of base metals has formed during CRB. However, it has been understood that intermixing of components is a necessary initial process before the occurrence of any phase formation [27] . Literature reports of the intermetallic formation mechanism in Al-Ni system emphasize on the composites, which were fabricated through ARB or F&R and subsequent annealing. It has been recognized that intermetallic phases are formed by nucleation and growth [7, 24, 27, 33] , which was concluded from differential scanning calorimetry (DSC) analysis [7, 24, 33] , 3D atomic probe microscopy across the interface [27] and SEM micrographs [7] . In the ARB process, the intermixing of components occurred between multilayers during several cycles and it gave rise to the formation of an Al-Ni solid solution [27] . More rolling cycles gave rise to the development of a supersaturated solid solution [24] . Non-thermal diffusion, such as forced mixing or deformation-induced vacancies and dislocations, may promote intermixing of components at the nanoscale [27] . An intermetallic compound nucleates from this supersaturated solid solution after a short time of annealing at comparatively low temperature.
A simple calculation of the diffusion distance at room temperature shows that it is very unlikely to have observable diffusion of Ni in the Al sheet and vice versa. Even in the presence of a deformed matrix structure after (severe) rolling reduction, whereby the matrix material abounds in point and linear defects, it is still very unlikely that a measurable diffusion distance on the micrometer scale has occurred [27] in a roll bonded sample. The reason is that, on the one hand, the activation energy may have reduced because of the presence of a deformation (sub-) structure, but on the other hand it also may have increased because of the presence of a (partially) bonded interface, which imposes a diffusion barrier. Therefore, it can be ascertained that in the case under investigation intermetallic nucleation at room temperature did not occur, even not after a cold rolling reduction of 90% (ε = 2.66), cf. Figure 4 , which is in agreement with most studies on the formation of intermetallic phases during the CRB process after varying amounts of strain [2, 7, 18, 27, [38] [39] [40] .
The above-mentioned mechanism of intermetallic phase formation implies that in the annealing step, an Al-Ni solid solution was formed before or even during the nucleation of intermetallic compounds. A redistribution of atoms is required to obtain the Al3Ni stoichiometry [27, 41] , which only could occur at elevated temperatures during annealing. Ultimately, the intermetallic compound Literature reports of the intermetallic formation mechanism in Al-Ni system emphasize on the composites, which were fabricated through ARB or F&R and subsequent annealing. It has been recognized that intermetallic phases are formed by nucleation and growth [7, 24, 27, 33] , which was concluded from differential scanning calorimetry (DSC) analysis [7, 24, 33] , 3D atomic probe microscopy across the interface [27] and SEM micrographs [7] . In the ARB process, the intermixing of components occurred between multilayers during several cycles and it gave rise to the formation of an Al-Ni solid solution [27] . More rolling cycles gave rise to the development of a supersaturated solid solution [24] . Non-thermal diffusion, such as forced mixing or deformation-induced vacancies and dislocations, may promote intermixing of components at the nanoscale [27] . An intermetallic compound nucleates from this supersaturated solid solution after a short time of annealing at comparatively low temperature.
The above-mentioned mechanism of intermetallic phase formation implies that in the annealing step, an Al-Ni solid solution was formed before or even during the nucleation of intermetallic compounds. A redistribution of atoms is required to obtain the Al 3 Ni stoichiometry [27, 41] , which only could occur at elevated temperatures during annealing. Ultimately, the intermetallic compound was formed by nucleation and growth and an Al-Ni-based metal-intermetallic laminated composite was produced.
The Al-Ni phase diagram [42] is given in Figure 5a . It shows that the solubility of Ni in the Al lattice is negligible, whereas Al is considerably soluble in Ni with a solubility limit of 9 at % at 450 • C under equilibrium condition. Taking into account that the activation energy for the diffusion of Ni in Al (Q (Ni → Al) ≈ 66 kJ/mol [43] ) is lower than the activation energy of Al in Ni (Q (Al → Ni) ≈ 90 kJ/mol [44] ) at 450 • C, it is logical to assume that the diffusion distance of Ni in Al is larger than vice versa, and given the limited solubility of Ni in the Al lattice it would imply that the first intermetallic phase appears at the Ni/Al interface (cf. Figure 2) was formed by nucleation and growth and an Al-Ni-based metal-intermetallic laminated composite was produced. The Al-Ni phase diagram [42] is given in Figure 5a . It shows that the solubility of Ni in the Al lattice is negligible, whereas Al is considerably soluble in Ni with a solubility limit of 9 at % at 450 °C under equilibrium condition. Taking into account that the activation energy for the diffusion of Ni in Al (Q (Ni → Al) ≈ 66 kJ/mol [43] ) is lower than the activation energy of Al in Ni (Q (Al → Ni) ≈ 90 kJ/mol [44] ) at 450 °C, it is logical to assume that the diffusion distance of Ni in Al is larger than vice versa, and given the limited solubility of Ni in the Al lattice it would imply that the first intermetallic phase appears at the Ni/Al interface (cf. Figure 2) on the side of the Al layer, and at the Ni side of the interface a solid solution of Al in Ni should exist. 
Atomic Diffusivity Observations
Concentration gradients of Al and Ni atoms at the Al/Ni interface were obtained from compositional line scans across the interface such as the one presented in Figure 5b . The intermetallic phase formation is a diffusion-controlled process. Diffusion of Al and Ni atoms before and during the nucleation of the Al3Ni compound caused the concentration gradient of constituent atoms across the original Al/Ni interface. As a result, Al3Ni or a mixture of Al3Ni and Al solid solution in Ni were formed. It was reported [24, 27, 29, [45] [46] [47] that the manufacturing process parameters, such as the build-up of the stacked sandwich sample, the strain levels, and ensuing defect concentration, alter the phase formation sequence and their growth kinetics. Although further verification is required to clarify the effect of these parameters in a comprehensive manner, a large number of reports have confirmed that the first kinetically favored intermetallic phase is the Al3Ni compound. A number of these reports investigated the interface regions on either nanometer or micrometer scale. 
Concentration gradients of Al and Ni atoms at the Al/Ni interface were obtained from compositional line scans across the interface such as the one presented in Figure 5b . The intermetallic phase formation is a diffusion-controlled process. Diffusion of Al and Ni atoms before and during the nucleation of the Al 3 Ni compound caused the concentration gradient of constituent atoms across the original Al/Ni interface. As a result, Al 3 Ni or a mixture of Al 3 Ni and Al solid solution in Ni were formed. It was reported [24, 27, 29, [45] [46] [47] that the manufacturing process parameters, such as the build-up of the stacked sandwich sample, the strain levels, and ensuing defect concentration, alter the phase formation sequence and their growth kinetics. Although further verification is required to clarify the effect of these parameters in a comprehensive manner, a large number of reports have confirmed that the first kinetically favored intermetallic phase is the Al 3 Ni compound. A number of these reports investigated the interface regions on either nanometer or micrometer scale. Atomic diffusion distances, estimated from the EDS line scans, of Ni and Al versus thickness reduction are given in Figure 6a . The results show that the diffusion distances of Al (x Al ) and Ni (x Ni ) increased with the increasing reduction up to 80%, but decreased after 90% reduction. The higher reduction of 90% reduces the interface barrier activation energy of diffusion, which gives rise to rapid interdiffusion of atoms and the formation of Al → Ni solid solution at early annealing time. Subsequently, thermal energy and rest stored energy in cold-worked constituent layers supply the activation energy of Al 3 Ni nucleation at much shorter annealing times in comparison with the material rolled to a reduction of 80% and lower. The nucleation of Al 3 Ni from solid solution occurs simultaneously with interdiffusion of atoms into the opposite lattice. As the diffusion barrier in sample R 90 is lower than in sample R 80 , because of the better and more homogeneous bonding strength, a continuous intermetallic layer can be formed more readily in sample R 90 . As diffusion of the component atoms through the compact intermetallic layer is slower and more difficult than diffusion through the opposite base metal lattice, it explains the reduced diffusion distances in sample R 90 as compared to sample R 80 . In sample R 80 the intermetallic layer is segmented and leaves open gates for inter-diffusion of Ni and Al, explaining the larger diffusion distances. This is schematically proposed in Figure 6b , which shows the formation of solid solution and the Al 3 Ni phase in samples R 80 and R 90 at the same annealing time. It can be said that the diffusion distance is the result of two opposing tendencies: (i) the activation energy imposed by the interface barrier, which reduces with increased rolling reduction (cf. Figure 6b ) and (ii) the activation energy imposed by the newly formed intermetallic layer itself, which increases with increased rolling reduction. Atomic diffusion distances, estimated from the EDS line scans, of Ni and Al versus thickness reduction are given in Figure 6a . The results show that the diffusion distances of Al (xAl) and Ni (xNi) increased with the increasing reduction up to 80%, but decreased after 90% reduction. The higher reduction of 90% reduces the interface barrier activation energy of diffusion, which gives rise to rapid interdiffusion of atoms and the formation of Al → Ni solid solution at early annealing time. Subsequently, thermal energy and rest stored energy in cold-worked constituent layers supply the activation energy of Al3Ni nucleation at much shorter annealing times in comparison with the material rolled to a reduction of 80% and lower. The nucleation of Al3Ni from solid solution occurs simultaneously with interdiffusion of atoms into the opposite lattice. As the diffusion barrier in sample R90 is lower than in sample R80, because of the better and more homogeneous bonding strength, a continuous intermetallic layer can be formed more readily in sample R90. As diffusion of the component atoms through the compact intermetallic layer is slower and more difficult than diffusion through the opposite base metal lattice, it explains the reduced diffusion distances in sample R90 as compared to sample R80. In sample R80 the intermetallic layer is segmented and leaves open gates for inter-diffusion of Ni and Al, explaining the larger diffusion distances. This is schematically proposed in Figure 6b , which shows the formation of solid solution and the Al3Ni phase in samples R80 and R90 at the same annealing time. It can be said that the diffusion distance is the result of two opposing tendencies: (i) the activation energy imposed by the interface barrier, which reduces with increased rolling reduction (cf. Figure 6b ) and (ii) the activation energy imposed by the newly formed intermetallic layer itself, which increases with increased rolling reduction.
It is also clear that xNi is larger than xAl for all reductions because Ni atoms are more mobile in aluminum than Al atoms in nickel, which is proved by the diffusion coefficient values of Ni in Al, It is also clear that x Ni is larger than x Al for all reductions because Ni atoms are more mobile in aluminum than Al atoms in nickel, which is proved by the diffusion coefficient values of Ni in Al, 5.2 × 10 −13 ( cm 2 s ), and Al in Ni, 5.9 × 10 −16 ( cm 2 s ) at 450 • C [27, 28, 43, 44] . Figure 7 shows the effect of different reduction levels from 60% to 90% on the thickness of the formed intermetallic layer in Al-Al 3 Ni-Ni composites. Because of the absence of an intermetallic layer in the 50% cold rolled sample, the layer thickness is not defined for that sample. The general trend of the intermetallic layer thickness is increasing and shows how the layer grows. In this respect, it was found that growth of the Al-rich intermetallic layer was a two-stage process [24] that can be described by the model of Coffey et al. [48] . The first stage was revealed as a stage of lateral growth along the interface until a continuous layer was created by coalescing of the discrete segments. The second stage involves thickening of the connected layers in the direction perpendicular to the interface. Actually, the growth mode changes from an interface-controlled stage, followed by the second stage in which bulk diffusion-controlled growth occurs.
Strain Effects on the Growth of the Intermetallic Compound
Metals 2017, 7, 445 10 of 14 Figure 7 shows the effect of different reduction levels from 60% to 90% on the thickness of the formed intermetallic layer in Al-Al3Ni-Ni composites. Because of the absence of an intermetallic layer in the 50% cold rolled sample, the layer thickness is not defined for that sample. The general trend of the intermetallic layer thickness is increasing and shows how the layer grows. In this respect, it was found that growth of the Al-rich intermetallic layer was a two-stage process [24] that can be described by the model of Coffey et al. [48] . The first stage was revealed as a stage of lateral growth along the interface until a continuous layer was created by coalescing of the discrete segments. The second stage involves thickening of the connected layers in the direction perpendicular to the interface. Actually, the growth mode changes from an interface-controlled stage, followed by the second stage in which bulk diffusion-controlled growth occurs. 
The Morphology of Interfaces in the Metal-Intermetallic Laminate Composite
The driving force for the formation of intermetallic phases is given by the reduction of Gibbs free energy, whereas the activation energy barrier is composed of two components: (i) the activation energy for bulk diffusion of Ni in Al and vice versa and (ii) the incomplete bonding at the Ni/Al interface, particularly at the lower reductions, which may impose an effective barrier for diffusion across the interface. Figure 8 shows the Al-Al3Ni-Ni laminated composite micrographs in the annealed R80 sample. The micrographs exhibit wrinkled ( Figure 8a ) and discontinuous (Figure 8b) interfaces. The wrinkled interfaces (also cf. Figure 2d ,e) originate from the jagged interfaces with increased roughness and work-hardening induced by severe wire brushing of the metal surface (cf. Figure 4) , which is probably responsible for mechanical bonding during the CRB step and of which the complicated intricate morphology also may affect the formation of the new interface between the base metals and Al3Ni phase during annealing.
It also can be observed on the micrograph of Figure 8b that the discontinuous intermetallic interface exhibits, at some locations, Ni streaks extending to the Al side of the interface. The Ni streaks appearing at the interface could be explained by the following mechanism. It is reasonable to assume that thermal-stress cracks may appear in the brittle Al3Ni layer, because of local thermal gradients and the different thermal expansion coefficients of the brittle intermetallic and Al or Ni base layers. Diffusion of constituents through these cracks, most noticeably the diffusion of Ni (because of its higher diffusion coefficient) may fill up these cracks with Ni. The Ni-filled pattern of cracks may circumvent certain segments of the intermetallic interface, eventually giving rise to the formation of isolated Al3Ni islands in the Al ductile matrix. The various sequences of this mechanism are shown in the schematic representation of Figure 9 . 
The driving force for the formation of intermetallic phases is given by the reduction of Gibbs free energy, whereas the activation energy barrier is composed of two components: (i) the activation energy for bulk diffusion of Ni in Al and vice versa and (ii) the incomplete bonding at the Ni/Al interface, particularly at the lower reductions, which may impose an effective barrier for diffusion across the interface. Figure 8 shows the Al-Al 3 Ni-Ni laminated composite micrographs in the annealed R 80 sample. The micrographs exhibit wrinkled ( Figure 8a ) and discontinuous (Figure 8b) interfaces. The wrinkled interfaces (also cf. Figure 2d ,e) originate from the jagged interfaces with increased roughness and work-hardening induced by severe wire brushing of the metal surface (cf. Figure 4) , which is probably responsible for mechanical bonding during the CRB step and of which the complicated intricate morphology also may affect the formation of the new interface between the base metals and Al 3 Ni phase during annealing.
It also can be observed on the micrograph of Figure 8b that the discontinuous intermetallic interface exhibits, at some locations, Ni streaks extending to the Al side of the interface. The Ni streaks appearing at the interface could be explained by the following mechanism. It is reasonable to assume that thermal-stress cracks may appear in the brittle Al 3 Ni layer, because of local thermal gradients and the different thermal expansion coefficients of the brittle intermetallic and Al or Ni base layers. Diffusion of constituents through these cracks, most noticeably the diffusion of Ni (because of its higher diffusion coefficient) may fill up these cracks with Ni. The Ni-filled pattern of cracks may circumvent certain segments of the intermetallic interface, eventually giving rise to the formation of isolated Al 3 Ni islands in the Al ductile matrix. The various sequences of this mechanism are shown in the schematic representation of Figure 9 . 
Conclusions
In this investigation, an Al-Al 3 Ni-Ni laminated composite was produced through a process of cold roll bonding of an Al/Ni/Al stacked sandwich sample and subsequent annealing. The way in which applied strain has affected the formation of intermetallic phases was studied and a number of conclusions could be derived. A layer of Al 3 Ni is formed at the cold bonded interface of the Al and Ni sheet, when a rolling reduction is applied with a reduction of 50% to 90% and following an annealing treatment of 60 min at 450 • C. With the lower reductions of 60% and 70% a highly-segmented layer was formed, which has modified to a continuous layer of 4.1 µm thickness after 90% reduction. It was surmised that the incomplete bonding of the Ni/Al interface at the lower reduction imposed a diffusion barrier and therefore the Al 3 Ni layer only could form in a segmented manner. It was also observed that the Al 3 Ni intermetallic layer was primarily formed at the Al side of the initial Al/Ni interface, because of the higher diffusivity of Ni in the Al lattice and the near to zero solubility of Ni in Al. Irrespective of the applied rolling reduction the Al 3 Ni intermetallic layer was exclusively observed, without the presence of any other intermetallic phase. The Al/Al 3 Ni and Ni/Al 3 Ni interfaces exhibited a wrinkled morphology, which was the result of the initial roughness and work-hardening of the wire-brushed sheet surface and the mechanical type bonding occurring during cold rolling. At some locations at the interface Al 3 Ni isolated islands were formed, for which a presumed formation mechanism was presented in the present paper.
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